Epitaxial growth of the half-Heusler alloy TiNiSn onto (100)-oriented MgO is compromised by interfacial reactions driven by the oxidising potential of titanium. Here, we demonstrate that a few epitaxial monolayers of elemental vanadium are sufficient to act as an impermeable buffer that maintains epitaxy and stoichiometric thin film growth but suppresses interfacial oxidation of the alloy. Electron diffraction and microscopy are used to characterise the thin film morphologies and thereby determine the optimum deposition conditions. Electron energy loss spectroscopy is used to demonstrate the chemical nature of the resulting thin film interfaces and confirms that TiNiSn film quality is improved.
Introduction
In the effort to produce commercially-viable thermoelectric generators that don't rely on scarce elements, Heusler alloys have attracted much interest owing to their versatility and capacity for tunability. For the half-Heusler (hH) TiNiSn, which is a candidate n-type thermoelectric, its rich compositional phase-space has been exploited to improve thermoelectric properties [1] [2] [3] [4] [5] and there is considerable scope for tuning the performance through doping [6] [7] [8] . However, the integrity of the alloy can be compromised by the presence of even trace amounts of oxygen [9] , due to the gettering properties of elements like titanium, vanadium, zirconium and hafnium, all of which have been explored as dopants in TiNiSn and are common elemental components of other Heusler alloys [10] . Recently, we reported on the pulsed laser deposition of TiNiSn upon single-crystalline MgO to produce near-stoichiometric, mono-crystalline, epitaxial films [11] . However, we also observed a deleterious reaction that maintained epitaxy but drew Ti out of the alloy. The subsequent formation of a thin TiO interfacial layer limited the availability of Ti for the intended film and introduced a compositional perturbation that took upwards of 10 nm of further deposition to recover. In addition, some Ti was observed to diffuse several nanometres into the substrate, consistent with facile diffusion by cation substitution mechanisms reported elsewhere [12] .
Here, we explore the use of a non-oxide buffer layer to prohibit the interfacial reaction and diffusion found previously and thereby lead to better maintenance of the hH stoichiometry upon deposition. We examine the use of elemental vanadium which, with a lattice constant of 3.024 Å for the (001) direction of its bcc unit cell [13] , has a near-coincident lattice match with both MgO and TiNiSn through a 45° rotation of the unit cell about the (001) axis of the MgO, as established previously in studies of magnetic tunnel junctions [14] and, more pertinently, for the use of contact electrodes with half-Heuslers [15] . Figure 1 illustrates the nature of this potential epitaxial relationship, based on a lattice mismatch of +1.5% between V and MgO and of -1.9% between V and TiNiSn (deriving from bulk lattice constants of 4.212 Å [16] and 5.935 Å [17] , respectively, for MgO and TiNiSn). Rather than the thick electrodes studied previously [15] , here we consider a thin buffer layer that is only a few nanometres thick and grown by dc magnetron sputter deposition. Since the formation of buried epitaxial oxides is effectively invisible to diffractive techniques, we focus on a chemical analysis of the interfacial region using a cross-sectional sample. We employ electron energy loss spectroscopy (EELS) in scanning transmission electron microscopy (STEM) to provide chemical discrimination on the sub-nanometre scale. Our studies confirm the good crystallographic quality of the hH film, which has a structure which appears consistent with the space group [18] and demonstrate that F43m diffusion of titanium and oxygen across the film-substrate interface is suppressed by just a few nanometres of epitaxial vanadium: an outcome of relevance to the deposition of other Heusler and titanium-bearing alloys on MgO substrates. We also note that the V does not form additional alloy phases with the TiNiSn in the temperature range explored here, which suggests that it may have practical significance as a barrier layer when TiNiSn alloys are used in thermoelectric modules, both to minimise atmospheric oxidation and to prevent reactions with electrode materials.
Materials and Methods
Thin films of TiNiSn were deposited via Pulsed Laser Deposition (PLD) in a Neocera Pioneer vacuum system using a KrF excimer laser (248 nm, 20 ns pulse duration, typically 200 mJ/pulse at 20 Hz). Deposition was monitored by reflection high energy electron diffraction (RHEED) and carried out with a substrate temperature of 670 K at the base pressure of the vacuum chamber, typically 10 -8 Torr, in line with our own recent studies optimising the growth of TiNiSn thin films on single crystal MgO [11] . The target material for laser ablation was a sintered, Ni-rich TiNiSn disc with an approximate composition of 1:1.1:1 and prepared by solid state reactions [4] .
Vanadium (99.9+%, Pi-Kem Ltd, UK) was deposited in situ in the PLD chamber by dc-magnetron sputtering using an argon background with a partial pressure of 2.5 -25 mTorr and substrate temperatures ranging from 298 to 823 K. The vanadium target was sputtered prior to deposition to remove any oxide scale which may have formed on the target surface. MgO(001) single-crystal substrates (Pi-Kem Ltd, UK) with a typical peak-to-peak roughness of 4 Å (as measured by atomic force microscopy, AFM -see below) were annealed in situ under ultra-high vacuum conditions at 970 K for at least 1 hour prior to any deposition to remove carbonaceous contaminants that may have adsorbed on the surface [19] , though at the expense of introducing a small amount of surface rumpling [20] . AFM was performed on a Bruker Dimension instrument in tapping mode and the relative surface roughness was assessed with a crude RMS value, calculated using a (5 µm) 2 scan with 512 pixel resolution after removal of a background polynomial.
Cross-sections of thin film samples for transmission electron microscopy (TEM) studies were prepared using a ThermoFischer Helios Dualbeam plasma focused ion beam (PFIB) instrument using routine procedures [21] . A probe-corrected JEOL ARM200cF instrument with a cold field emission source operated at 200 kV was used for acquiring TEM and STEM data. Spatially resolved chemical maps were obtained by EELS using a Gatan 965 Quantum ER post-column spectrometer to acquire STEM Dual-EELS spectrum images [22, 23] . Quantification of elemental concentrations was carried out by a method of absolute quantification that employs experimentally obtained reference spectra from each element as components for a multi-linear least-squares (MLLS) fit, as described elsewhere [24] [25] [26] . This method was used due to the proximity of the characteristic EELS edges that were of interest -Ti L (457 eV), Sn M (485 eV), V L (513 eV) & O K (532 eV) -which compromised standard quantification routines involving the subtraction of a pre-edge background. This effect was compounded by difficulties in using the Hartree-Slater scattering cross-sections, whose uncertainty may be as large as 20% for the quantification of M edges [27] . Geometric phase analysis of latticeresolved images was performed using the Strain++ software package [28] to calculate differential phase maps using methods described by Hytch et al [29] . The same methods were also used to process the phase information present in STEM-moiré images [30] .
Results and Discussion
Although the sputter deposition rate inevitably reduces with gas pressure, we found that the highest Ar sputtering pressure used, 25 mTorr, produced the smoothest V films on MgO, independent of substrate temperature. For example, a 10 nm-thick film deposited at 298 K and a rate of order 0.05 nm s -1 had an average RMS surface roughness of 1.9 Å, which was a threefold improvement when compared to films prepared at 10 mTorr. Although little variation in the V film roughness was expected with temperature [13] , AFM measurements of films grown between 298 K and 823 K indicated 623 K to produce the smoothest films and still gave rise to sharp RHEED features consistent with epitaxial growth (see below). In order to avoid potential roughening [31] or other phase transitions [13] that could arise when heating the deposited film, deposition temperatures initially considered were at, or above, the substrate temperature of 723 K intended for deposition of TiNiSn. However, we found that the sharp RHEED patterns observed at lower temperatures disappeared for vanadium grown above 673 K, so a lower deposition temperature was necessary. This is consistent with previous molecular beam epitaxy (MBE) work that demonstrated high quality epitaxial growth between 473 K and 673 K [13, 32] but amorphous films at higher temperatures [13] .
For pulsed laser deposition of the TiNiSn thin film atop the vanadium, the substrate temperature was increased to 723K, to be consistent with our previous study [11] . There was no obvious degradation in V film crystallinity during heating, similar to earlier work [14] and we conclude that there is a difference between films grown at 723 K and those deposited at lower temperatures and annealed to 723 K: this may relate to disorder in the first few monolayers deposited at elevated temperatures, so that epitaxy is never established. PLD was then carried out in a 'burst' mode, whereby a quantity of pulses equivalent to one TiNiSn unit-cell of layer-thickness is delivered with a pulse frequency of 18 Hz, followed by a short 'annealing' phase of 10-20 seconds before the next burst begins. To deposit a film of approximately 20 -25 nm thickness, 40 repetitions of this cycle were used. This thickness was sufficient to assess the growth mode and interface chemistry but thinner than that required for thermoelectric devices. Our previous work showed growth of TiNiSn directly onto MgO to initiate through the growth of flat islands that coalesce with thickness, as the film relaxes to its bulk lattice spacing [11] . We find that deposition onto the V buffer follows a similar mechanism, suggesting that the 3d growth mode is, indeed, driven more by strain effects than by surface diffusion kinetics, which would be expected to be different for deposition onto V rather than MgO. The RHEED patterns in Figure 2 summarise the data collected during deposition. The pattern in Figure 2 (a) was recorded from the MgO substrate, and the vertical streaks observed are typical for a smooth surface with the main feature being atomic-scale terraces, which is consistent with the RMS roughness of 1.1 Å measured by AFM. The pattern in Figure 2 (b), collected from a 5 nm-thick vanadium film grown at 623 K, is similar to that seen for MgO, indicating the formation of a film with strong epitaxial quality and minimal surface roughening relative to the MgO surface; AFM shows the RMS roughness increases marginally to 1.6 Å. The pattern collected after deposition of ~25 nm of TiNiSn, shown in Figure 2 (c), differs in the appearance of discrete diffraction spots with a doubled periodicity, similar to the patterns collected in our previous TiNiSn/MgO deposition study and consistent with epitaxial growth of TiNiSn with lattice alignment as sketched in Figure 1 . The square symmetry is consistent with that of the unit cell; but we note that the limitations of dynamical diffraction makes the 43 technique insensitive to a degree of exchange between sites in the hH lattice. The spotty rather than streaky pattern derives from transmission diffraction through a rough, 3-dimensional surface. The AFM-measured RMS roughness for this layer increases dramatically to 22.6 Å, consistent with a propensity for island growth in the initial stages of deposition; the islands are visualised directly by TEM below. Note that for the hH film, the RMS roughness becomes a poor descriptor of the film surface and is dominated by the deep troughs between islands rather than their large, flat tops. The 3-dimensional morphology at this stage of growth would affect in-plane thermal and electronic transport, were this configuration to be employed in a thermoelectric device, because the film is only just becoming continuous. However, our previous work indicates the islands to coalesce and the roughness to improve as more material is deposited to yield a thicker film [11] .
To assess epitaxial strain, nanoprobe convergent beam diffraction (CBED) patterns were recorded from each layer in TEM, using a cross-sectional sample of a capped film. CBED patterns from the MgO, V and TiNiSn layers are presented in Figure 2 (d-f) respectively, alongside their RHEED counterparts. Lattice parameters are calculated by measuring the disc separations in each pattern, using a Hough transform algorithm to locate the discs, as implemented in the CrysTBox software [33, 34] , and calibrated against 200 reciprocal lattice vector for MgO at room temperature (0.4751 Å -1 ). From this comparison, we find that the corresponding reciprocal lattice vectors in vanadium and TiNiSn have values of 0.4747 Å -1 and 0.4756 Å -1 respectively, translating to real-space lattice parameters of 2.979 Å and 5.947 Å. This indicates only slight relaxation of the epitaxial relationship, of 0.05% between vanadium and MgO, and 0.18% between TiNiSn and vanadium, implying a compressive strain for vanadium and a small tensile strain for TiNiSn. (By comparison, bulk materials would have lattice mismatches of 1.5% and -1.9% respectively.)
Turning to STEM characterisation, Figure 3 presents an analysis of a cross-section through a MgO/V/TiNiSn sample with a protective Pt capping layer and where ~5nm of V was deposited at 623 K and ~25 nm of TiNiSn was deposited at 723 K, as described above. Figure 3 (a) presents a lowmagnification STEM bright field (BF) image which clearly shows the trapezoidal, island-like features of the TiNiSn layer atop a uniform and continuous vanadium layer. The faceted surface structure of the TiNiSn layer is similar to that described previously [11] for films without a buffer layer and is consistent with a 3-dimensional island growth mechanism that explains the high value of AFMmeasured RMS roughness, which was dominated by the gaps between islands rather than the flat tops of islands themselves. A higher magnification bright field image at the V nanolayer in Figure 3(b) shows the interfaces with atomic resolution, providing direct confirmation of the epitaxial relationship. The crystal is aligned along a (100) direction so that columns of atoms, appearing as bright spots, are arranged in square symmetry that continues uninterrupted from the MgO substrate through the V layer, both of which have generally uniform contrast across Figure 3(a) . Similar trends are evident in the relationship between the V and TiNiSn layers, although the structure and orientation of the TiNiSn unit cell produces a more complex pattern of atomic columns in Figure 3b . There are more noticeable contrast variations running throughout the TiNiSn, which, as before, we attribute to minor thickness variations in the cross section and slight misalignment of crystalline regions that nucleated separately on the V and may be separated by dislocation defects: these contrast variations are minor and cannot be accounted for by a loss of epitaxy. Elemental quantification of STEM-EELS data recorded across the nanolayer is presented in Figure 3 (c), presented as line profiles of the elemental concentrations running across the STEM-BF image in Fig. 3(b) . Starting at the bottom of the data set, only the oxygen signal was recorded from the MgO and this has been normalised to 50% concentration to account for the Mg content. There is then a clear transition to a region of 100% V and the interface between the MgO and V is approximately 2nm wide, which is also observed in the sharpness of the contrast variation in Figure 3(b) . This interface width is believed to reflect the roughened nature of the MgO surface while held at high temperature [20] . The interface between the V and the TiNiSn layer is a little wider, which may be accounted for by a combination of V surface roughness, a small degree of implantation during deposition and perhaps a minimal amount of interfacial alloying. Finally, at the top of the dataset, the stoichiometry of the hH is close to the ideal 1:1:1 ratio, with no V detected and negligible O. Critically, the key observations from the STEM-EELS data are the quality of the vanadium nanolayer -which has no discernible oxide content and shows no chemical shift or change in ratio of the V L 2,3 white lines (not shown), which would indicate a change in oxidation state [35] . In addition, the identical onset of the Ti, Ni and Sn signals and nearideal stoichiometry indicate that the diffusion of Ti out of the alloy that was observed previously is absent: there is no Ti-rich interface or corresponding Ti-depleted alloy region. The buffer layer has acted as desired.
Finally, Figure 4 probes in more detail the crystallinity and epitaxy of the thin layer stack. It presents a pair of STEM images which provide high-resolution structural information that can be used to assess defect formation at the interfaces. The high-resolution STEM-BF in Fig. 4(a) shows a small portion of the MgO/V/TiNiSn interfaces, with similar detail to that of Fig. 3(b) . It is overlayed, in colour, with the results of a geometric phase analysis of the atomic lattice, which is used to locate strain and dislocations [29] . Regions where the lattice periodicity is disrupted are highlighted in blue. No dislocations are observed in connection to the MgO/V interface in this field of view, while a linear defect density of 0.021 Å -1 is found for the V/TiNiSn interface. Figure 4(b) is a STEM high angleannular dark field (HAADF) image containing STEM-moiré interference which offers the same information as Fig. 4(a) , but on a much larger length-scale [30] . Again, no dislocations are associated with the MgO/V interface across the field of view, which is five times greater than in Fig. 4(a) . The lack of evidence for dislocations on such a length-scale is in agreement with the diffraction data and indicates excellent quality epitaxial, largely unrelaxed growth of vanadium on MgO. A small number of defects are again observed to originate at the V/TiNiSn interface in the larger field of view of Fig.  4(b) , this time with a calculated linear defect density of 4.2x10 -3 Å -1 . The significant difference in the dislocation densities found between the high and low-resolution images suggests the dislocations are not uniformly distributed and that the 0.18 % epitaxial mismatch between vanadium and TiNiSn seen in RHEED is compensated through sparse, small clusters of dislocations relieving the tensile epitaxial strain and resulting in a hH thin film that is only slightly relaxed.
As discussed earlier, the vanadium buffer layer is deposited at a temperature 100 K lower than the TiNiSn thin film and there were concerns about the integrity of the buffer layer upon annealing, notably through oxidation, amorphisation or alloying, particularly given the propensity of Heusler alloys to incorporate a large range of elements into their structures [18, 36] . The evidence we have presented shows no cause for concern on any of these matters: the film remains metallic, crystalline and immobile. The latter may simply be a consequence of the rather low temperature range studied here, which is substantially below the melting point of metallic V and so will restrict V mobility. This is pertinent when considering the application of the vanadium layer as an adhesion layer or passivating coating, as mobility of the vanadium would have a deleterious effect on the hH stoichiometry and could unintentionally lead to some form of phase segregation, which is known to have an impact on the thermoelectric efficiency of these materials [2] .
Conclusions
We have demonstrated the epitaxial growth of nanoscale layers of vanadium on single-crystal MgO, and its application as a buffer layer for the growth of epitaxial TiNiSn. The minimal lattice mismatch between MgO and vanadium allows growth of vanadium films which are epitaxially strained and there is no evidence of structural compensation by defect formation in the vanadium nanolayer. The 5 nm vanadium layer acts successfully as a barrier to titanium diffusion, resulting in a more uniform composition during the initial growth of TiNiSn. The half-Heusler layer is shown to still grow epitaxially atop the vanadium layer and supports the 0.18% mismatch by forming a low density of dislocations. Critically, there is no discernible oxidation, amorphisation or alloying of the V below 720 K at least and the nature of the half-Heusler layer is uncompromised. We envisage these results will be of relevance to other Heusler alloys which contain a gettering element whose presence is problematic. The results also suggest that vanadium may be an appropriate passivating coating for TiNiSn thermoelectric elements, as an external protection against oxidation and as an insertion layer to prevent deleterious alloying with electrode contacts under typical working conditions. 
